Mechanical Properties and Dislocation Structure Evolution
in Ti6Al7Nb Alloy Processed by High Pressure Torsion
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Ultraﬁne-grained biocompatible Ti-6Al-7Nb alloy was produced by high pressure torsion
(HPT). Lattice defects—vacancies and dislocations—investigated by positron annihilation
spectroscopy, observations by scanning electron microscopy, and microhardness evaluation are
linked to the strain imposed by diﬀerent numbers of HPT revolutions and to the distance from
the specimen center. Positron annihilation spectroscopy showed signiﬁcant increase of dislocation density and concentration of vacancy clusters after ½ of the HPT revolution. Microhardness increases by 20 pct with increasing strain, but it is heterogenous due to duplex
microstructure. The heterogeneity of the microhardness increases with increasing strain, suggesting that a heavily deformed and fragmented a + b lamellar microstructure is more hardened
than primary alpha grains. The defect structure is homogenous after ½ HPT revolution, while
the microhardness becomes homogenous after 3 HPT revolutions only.
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I.

INTRODUCTION

FOR several decades, titanium alloys have been
the most used material for load-bearing orthopedic
implants.[1] Their unique combination of properties
includes extreme corrosion resistance, relatively high
strength, suﬃcient biocompatibility, and moderate elastic modulus.[2] Commercially pure titanium is used in
some dental and orthopedic applications mainly due to
its excellent biocompatibility. However, limited strength
(up to 500 MPa) disallows using commercially pure
titanium as a material for orthopedic endoprostheses,
which constitute a majority of the market of metallic
implants. The most commonly used one is still one of the
oldest Ti alloys—Ti-6Al-4V—that belongs to the
alpha + beta alloys. Despite the generally good properties of this alloy, there are several limitations. A special
concern relates to the presence of vanadium which is
considered to be a toxic element. A similar alpha + beta
Ti alloy Ti-6Al-7Nb has been developed to avoid the
adverse eﬀect of vanadium.[3,4] Ti-6Al-7Nb alloy has
similar mechanical properties and undergoes a similar
phase transformation as the common Ti-6Al-4V alloy.
The mechanical and other essential properties determining the application of titanium alloys may be
improved by reﬁning the grain size to the submicrometer
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or even nanometer level. A variety of special techniques
are used for the production of bulk ultraﬁne-grained
(UFG) materials, e.g., equal channel angular pressing
(ECAP),[5] high pressure torsion (HPT),[6,7] accumulative roll bonding (ARB),[8] twist extrusion,[9] or multidirectional forging.[10] Among these techniques, which
introduce severe plastic deformation (SPD) in the
material, HPT provides an opportunity for achieving
exceptional grain reﬁnement often to the nanometer
level in many FCC and HCP metals and alloys.[11] Due
to the fundamentally non-homogenous deformation by
HPT, important properties evolve with the number of
HPT revolutions and with the distance from the
specimen center. HPT therefore allows getting fundamental knowledge of the evolution of the structure
reﬁnement and the nature of physical strengthening.
The aim of this study is therefore twofold:
(a) to fabricate the ultraﬁne-grained structure in the
Ti-6Al-7Nb alloy by HPT and
(b) to characterize its microstructure features, the lattice defect evolution, and mechanical properties
In addition to high resolution scanning microscopy
and microhardness measurements, positron annihilation
spectroscopy (PAS) was used to evaluate the spatial
distribution of lattice defects. Our previous investigations proved the feasibility of PAS to determine the
lattice defect structure in UFG materials.[12–15]

II.

MATERIAL AND EXPERIMENTAL
METHODS

Hot-rolled rods of the Ti-6Al-7Nb ELI (IMI 367)
alloy for medical application, 20 mm in diameter,
manufactured by TIMET were used for the investigation.

The chemical composition of the alloy was the following:
Ti—basic; Al—6.17 pct; Nb—7.05 pct; Fe—0.14 pct;
O—0.17 pct; C—0.01 pct; N—0.03 pct; and Ti—balance.
The beta-transus temperature according to the material
certiﬁcate was 1278 K (1005 C).
Samples in the initial condition were subjected to
thermal treatment (TT), including incomplete quenching
from 1258 K (985 C) (20 K below the beta-transus
temperature) to room temperature followed by annealing at 973 K (700 C) for 4 h. The microstructure of the
as-received and TT conditions was observed using a
light microscope Olympus GX51.
For the HPT process, samples 20 mm in diameter and
2 mm thick were cut from the thermally processed rods
by the electrospark method. The sample surface was
polished before deformation. During the HPT, the
sample was placed between the anvils with a groove of
0.8 mm and pressed under an imposed pressure of
6 GPa. The lower anvil was rotated, and the sample was
deformed by shear under the surface friction. The use of
the groove excludes sliding of the sample during torsion.
Torsion was performed with the rotation speed of
0.5 rpm at room temperature, and a series of specimens
after 1/4, 1/2, 1, 3, 5, and 15 rotations were processed.
The high resolution scanning electron microscope FEI
Quanta 200 FEG operated at 20 kV was employed for
detail investigation of UFG microstructure of the
specimens after HPT (10 kV was used to enhance the
image contrast in some cases). Back-scattered electron,
Z-contrast, and channeling contrast were used for
revealing the diﬀerent microstructural features in the
UFG specimens.
An automatic microhardness tester Qness Q10a was
used for the evaluation of microhardness variations
throughout the surface of specimens after HPT. More
than 1000 indents were applied in a square grid with
higher density near the specimen center. As a result,
more than 100 indents within each ring of 1 mm width
were applied.
Lattice defect density variations in individual specimens after HPT were determined by PAS. A Na2CO3
positron source with an activity of 1.2 MBq deposited on
an approx. 2-lm-thick Mylar foil was used for positron
annihilation studies. The source contribution representing a contribution of positrons annihilated in the
22
Na2CO3 spot and the covering mylar foil consisted of
two weak components with lifetimes of 0.368 and 1.5 ns
and relative intensities of 8 pct and 1 pct, respectively.
Positron lifetime (LT) measurements were carried out
using a high resolution digital spectrometer.[16] The
detector part of the digital LT spectrometer consists of
two Hamamatsu H3378 photomultipliers coupled with
BaF2 scintillators. Detector pulses are sampled by two
ultrafast Acqiris DC211 8 bit digitizers at a sampling
frequency of 4 GHz. The digitized pulses are acquired by
a PC and analyzed oﬀ-line by software using a new
algorithm for integral constant fraction timing.[17] The
time resolution of the digital LT spectrometer was 145 ps
[full width at half maximum (FWHM) of the resolution
function for 22Na positron source]. At least 107 annihilation events were accumulated in each LT spectrum.
Decomposition of LT spectra into exponential compo-

nents was performed by a maximum likelihood code
described in Reference 18.

III.

RESULTS

A. Light Microscopy
The coarse-grained Ti-6Al-7Nb alloy was received as
hot-rolled rods having a duplex structure with grains of
the primary a-phase (light area) of an average size of 5.3
lm and a volume fraction of 66 pct distributed in the
a + b matrix (dark area), see Figure 1.
One of the authors, Polyakova, has shown recently[19]
that in order to create the homogeneous UFG structure
by the ECAP method, it is eﬀective to enhance the
fraction of the thin-plate b-transformed structure, the
fragmentation of which occurs easier in the process of
SPD. It is also necessary to preserve the fraction of the
primary a phase (usually about 20 pct)[20] in the
microstructure in order to provide suﬃcient ductility.[21]
In this paper, such a microstructure was obtained by the
TT described in the previous section. The structure after
TT is characterized by homogeneous distribution of the
globular primary a grains in the a + b lamellar microstructure—see Figure 2. The volume fraction and the
average size of the a phase were 18 pct and 5.3 lm,
respectively. The packages of a-phase plates with the
average cross size of 330 nm formed in the position of
the former martensite occupy about 80 pct of the
structure.
B. SEM Observations
The microstructure of the as-pressed specimen (i.e.,
the specimen compressed between the anvils by a
pressure of 6 GPa, but without any rotation) and the
specimen prepared by HPT (5 revolutions) was observed
by SEM using back-scattered electrons.
1. As-pressed (N = 0) material
Figure 3 shows the detailed micrograph of the aspressed material. The contrast of the picture is given by
a chemical composition—so-called Z-contrast. Darker

Fig. 1—Light microscopy image of as-rolled Ti-6Al-7Nb cross
section.
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Table I. Chemical Composition of Diﬀerent Microstructural
Features, Measured by EDX
Weight
Percent
Ti
Al
Nb
Fe

Average

Alpha—Edge

Alpha—Int.

Beta

83.0
8.6
8.5
0.0

83.2
8.5
8.3
0.0

85.1
10.0
4.9
0.0

75.7
6.4
16.4
1.4

Fig. 2—Light microscopy image of Ti-6Al-7Nb after TT.

Fig. 4—As-pressed sample (N = 0), an overview SEM image.
Arrows point to the areas with diﬀerent channeling contrast.

Fig. 3—As-pressed sample (N = 0), detail SEM image (back-scattered electrons, Z-contrast).

equiaxed grains are primary alpha grains.[20] Within
those grains, two chemically diﬀerent regions can be
distinguished. The interior parts of the grains contain
more aluminum and less niobium (see Table I) and
therefore appear darker. Diﬀusion of alpha-stabilizing
aluminum and beta-stabilizing niobium must have
occurred during thermal processing. The white parts
are beta phase particles that are either between primary
alpha grains or elongated between alpha lamellae. The
resulting microstructure is known as bimodal or duplex.
It must be also noted that alpha grains are known to be
softer than lamellar areas.[21,22]
Figure 4 is an overview SEM image. Two types of
contrast are present: the above-discussed Z-contrast and
also the channeling contrast (grains with diﬀerent orientations may have diﬀerent contrasts due to diﬀerent absorption of back-scattered electrons). The white arrows point to
the two adjacent alpha grains with diﬀerent shades, which
are caused by their diﬀerent orientations only. More
interestingly, channeling contrast allows the observation
METALLURGICAL AND MATERIALS TRANSACTIONS A

of diﬀerent families of parallel lamellae formed in the
original beta grain during cooling from the beta region[23]
(illustrated by black arrows in two diﬀerent grains).
The chemical composition was determined by energy
dispersive x-ray scattering (EDX). The results are
presented in Table I. Note that the results from the
EDX may be used only for mutual comparison of
diﬀerent measurements by this method. However, they
cannot be quantitatively compared to the results of
other methods. Firstly, the average chemical composition was evaluated by x-ray signal acquisition over a
suﬃciently large area so that the composition is averaged over all microstructural features. The chemical
composition slightly diﬀers from the nominal composition of the Ti-6Al-7Nb alloy, proving the qualitative
character of these results only. Secondly, the chemical
composition was locally measured near the edge and in
the interior of alpha grains and in beta particles. The
presented results are average values from three diﬀerent
points, but those data should be taken as qualitative
only, especially for the beta phase where the beta
particle size is comparable to the interaction volume of
the electron beam.
2. Material after HPT (N = 5)
Figure 5 shows the microstructure of the center of the
specimen after 5 revolutions. Alpha grains are well
distinguishable and their shape is mostly round—similar

Fig. 7—Scheme of SEM observations.

Fig. 5—HPT-deformed material (N = 5), center of the sample.

Fig. 8—HPT-deformed material (N = 5), edge of the sample.

C. Microhardness

Fig. 6—HPT-deformed material (N = 5), 5 mm from the center of
the sample.

to the original material. However, each grain is obviously strongly deformed (uneven shade within grain).
Alpha + beta phase lamellar areas remain straight in
some zones—similar to the as-pressed material—but in
other areas, they are already heavily deformed.
Figure 6 shows the typical microstructure of the area
that is 5 mm from the center (see scheme in Figure 7). A
more deformed microstructure can be observed. Alpha
grains are still visible, but their shape is altered due to
strong deformation. Each alpha grain is also internally
deformed and the whole lamellar part is also deformed.
The microstructure of the zone near the edge of the
specimen after 5 revolutions is shown in Figure 8. An
even more deformed structure with clear directionality
along the direction of deformation (left to right) is seen.
However, the original alpha grains are still recognizable.

Figure 9 shows the microhardness line proﬁles, i.e.,
the microhardness variations with the distance from the
specimen center toward its edge, in samples subjected to
diﬀerent numbers of HPT revolutions. Each point is an
average calculated from more than 100 indents. Error
bars show standard deviations. The low precision of
measured data is given only by the heterogeneity of the
material. Measurement precision is higher by more than
one order of the magnitude. Locally heterogeneous
microhardness might be associated with heterogenous
microstructure; more speciﬁcally, the hardness may
diﬀer for an indent (with diagonals of approx. 50 lm)
in the lamellar area and for another one placed in the
alpha grains that are softer.
The results of the measurements indicate that there is a
signiﬁcant increase of microhardness with increasing
number of revolutions until N = 3. On the other hand,
no signiﬁcant increase of microhardness with distance
from the center of the specimen is observed. Some
increase is seen only for N = 1/4 and N = 1/2.
For N = 3 and higher strains, the microhardness is
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Fig. 9—Dependence of the microhardness on number of HPT turns
and the distance from the center of the specimen.

homogenous over the whole specimen, which is a
favorable result for any potential application, e.g., in
microforming technology such as MEMS,[23] microgears,[24] microcups,[25] heat exchangers,[26] etc. Finally, an
increase in microhardness at the edge of the as-pressed
(N = 0) specimen is due to material outﬂow from
underneath the pressing anvils, which eﬀectively causes
plastic deformation accompanied with microhardness
increase. A similar eﬀect was also observed in other
materials.[27]
D. Evolution of Lattice Defects with Strain Due to HPT
(Positron Annihilation Spectroscopy)
Figure 10 shows the dependence of the mean positron
lifetime on the radial distance r from the center of the
sample subjected to various numbers N of HPT revolutions. In the sample, which was only pressed without
any HPT straining (N = 0), the mean lifetime at the
periphery (r ‡ 6) is remarkably higher than in the center
of the sample, which might be caused by material
ﬂowing out of the area of pressing anvils.
HPT straining causes a signiﬁcant increase of the
mean lifetime due to defects introduced by SPD. In the
sample subjected to N = ¼ HPT revolution, the mean
lifetime is increased in the center and becomes approximately constant across the whole sample. Further HPT
straining (N = ½) leads to an additional increase of the
mean lifetime, which ﬁnally saturates at the value of
190 ps. All samples subjected to more HPT revolutions (N > ½) exhibit very similar mean lifetimes. The
spatial dependence of the mean lifetime across the
sample disk is approximately uniform in all samples
subjected to HPT straining (N ‡ ¼), which proves the
formation of a relatively homogeneous structure of
defects across the whole sample.
More information can be obtained from the decomposition of positron lifetime spectra into individual
components. Figure 11 shows the dependence of the
lifetimes of components resolved in positron lifetime
spectra on the radial distance r from the center of the
sample for materials subjected to various numbers N of
HPT rotations. The spatial dependence of relative
intensities of these components is plotted in Figure 12.
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Fig. 10—The mean positron lifetime as a function of the radial distance r from the center of the samples subjected to various number
N of HPT revolutions.

One can see in Figure 11 that there are three
components in the positron lifetime spectra of the
samples studied:
(a) A short lived component with lifetime s1 < 100 ps
and relative intensity I1 represents a contribution
of free positrons annihilated in the delocalized
state, i.e., not trapped at defects. This component
was found in samples subjected to N = 0 and 1/4
HPT revolution only. In samples subjected to more
HPT revolutions (N ‡ ½), the density of defects
becomes so high that virtually all positrons are
trapped at defects and the free positron component
disappeared (saturated positron trapping).[28]
(b) A component with lifetime s2  180 ps and relative intensity I2. This component which dominates
in the positron lifetime spectra of all samples studied can be attributed to positrons trapped at dislocations.
(c) A long-lived component with lifetime s3  300 ps
and relative intensity I3 comes from positrons
trapped at larger point defects with open volume
corresponding to several vacancies. These defects
were likely formed by the agglomeration of deformation-induced vacancies. In order to estimate the
size of these vacancy clusters, we performed ab initio theoretic calculations of positron parameters for
vacancy clusters of various sizes in Ti. Figure 13
shows the calculated dependence of positron lifetime on the size of vacancy clusters consisting of
different numbers of vacancies. Obviously, positron
lifetime strongly increases with increasing size of
vacancy clusters and gradually saturates for large
clusters. From the comparison of calculated dependence with experimental lifetimes in Figure 11, one
can conclude that the average size of vacancy clusters in HPT-deformed samples corresponds to 4
vacancies.
The as-received material comprises only two components: free positrons with the lifetime s1 = 84 ± 3 ps and
the relative intensity I1 = 17.6 ± 0.7 pct, and positrons
trapped at dislocations with the lifetime s2 = 170 ± 1 ps
and the relative intensity I2 = 82.4 ± 0.7 pct. No

Fig. 11—Dependence of lifetimes of individual positron components on the radial distance r from the center of the sample for materials subjected to various numbers N of HPT rotations.

vacancy clusters were detected in the as-received
material.
From the detailed inspection of Figure 12, it becomes
clear that in the sample which was only pressed
(N = 0), the intensity I1 of the free positron component
decreases with increasing distance from the center of the
sample, while the intensity I3 of positrons trapped at
vacancy clusters increases. This proves that the concentration of vacancy clusters at the periphery of the sample
(N = 0) is higher than in the center, most probably due
to higher deformation at the periphery where deformed
material can ﬂow out of the area of pressing anvils. HPT
straining introduces dislocations, which are reﬂected by
an increase of the intensity I2. One can see in Figure 12
that I2 increases for the sample subjected to ¼ HPT
revolution, and a further increase of I2 occurs also in the
sample strained to ½ HPT revolution. In the latter
sample, the density of defects becomes so high that
virtually all positrons are trapped and the free positron
component cannot be resolved in the spectrum anymore.
With increasing torsional strain (N > ½), I2 saturates
and remains approximately constant.
Moreover, one can see in Figure 12 that samples
subjected to HPT straining (N ‡ ¼) exhibit approximately uniform spatial dependence of the intensities I1,
I2, and I3 across the whole sample disk. This proves that
an almost homogeneous structure of defects across the
whole sample has already been achieved after ¼ HPT
revolution.
Since the samples subjected to HPT straining (N ‡ ¼)
do not exhibit any systematic dependence of positron
parameters across the sample except of statistical
scattering, the average lifetimes and relative intensities
were calculated by averaging of all data measured at
each sample. These averaged lifetimes and corresponding relative intensities are plotted in Figure 14 as a
function of the number of HPT revolutions. From
inspection of the ﬁgure, it becomes clear that the density
of dislocations strongly increases in the beginning of
HPT straining (N < 1) and it is accompanied by a
disappearance of the free positron component. During

further deformation (N ‡ 1), the dislocation component
remains approximately unchanged. The average size of
vacancy clusters slightly decreases during HPT straining; see the upper panel in Figure 14.
In the samples N = 0 and N = ¼ where the free
positron component is present in the positron lifetime
spectra, one can determine the dislocation density qD
by application of the three-state simple trapping model
(3-STM)[29]



1 I2 1
1
1
1
qD ¼
 þ I3

;
½1
mD I 1 sB s2
s2 s3
where sB = 144 ps is the bulk positron lifetime in Ti[30]
and mD is the speciﬁc positron trapping rate for
dislocations, which is know to fall into the range 105
to 104 m2 s1 for most metals.[31] For the estimation of
the dislocation density, we used the average value
mD  0.5 9 105 m2 s1. The dislocation density in the
as-received sample is qD = 1 9 1014 m2. The dislocation density in samples N = 0 and N = ¼ estimated
using the average value mD  0.5 9 105 m2 s1 is
plotted in Figure 15 as a function of the radial distance
from the center. The dislocation density in both samples
slightly increases from the center of the sample toward
the edge. The mean dislocation density in the sample
subjected to ¼ HPT revolution is 4 times higher than in
the as-received material.
The concentration of the vacancy clusters cvc in
samples N = 0 and ¼ can be estimated within 3-STM
from the expression



1 I3 1
1
1
1
 þ I2

cvc ¼
;
½2
nv m v I 1 s B s 3
s3 s2
where nv = 4 is the average number of vacancies per
cluster and mv  1014 s1 is the speciﬁc positron trapping rate for a vacancy.[31] The concentration of vacancy
clusters estimated from Eq. [2] for samples N = 0 and
¼ is plotted in Figure 16 as a function of the distance
from the center. Obviously, the sample which was only
pressed exhibits remarkably higher cvc at the periphery
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Fig. 13—Calculated positron lifetimes for vacancy clusters in Ti consisting of various numbers of vacancies.

Fig. 12—Relative intensities I1, I2, and I3 for the free positron component (a), the contribution of positrons trapped at dislocations (b)
and vacancy clusters (c) for samples subjected to various numbers N
of HPT revolutions plotted as a function of the radial distance r
from the center of the sample.

compared to the center. On the other hand, the sample
subjected to ¼ HPT revolution exhibits a relatively
uniform spatial distribution of vacancy clusters. The
concentration of vacancy clusters in the sample N = ¼
is comparable with that at the periphery of the sample
which was only pressed, see Figure 16. An increase of cvc
in the center of the sample N = ¼ is obviously due to
agglomeration of vacancies created by SPD during HPT
straining.
In samples subjected to a higher degree of HPT
straining (N ‡ ½), the concentration of defects cannot
be determined because of saturated positron trapping
which leads to disappearance of the free positron
component. Taking into account that the free positron
METALLURGICAL AND MATERIALS TRANSACTIONS A

Fig. 14—Positron lifetimes (a) and corresponding relative intensities
(b) averaged over whole sample and plotted as the number of HPT
revolutions.

component cannot be resolved when I1 < 5 pct and
using the ratio of intensities I2 and I3, one can estimate
that straining to N = ½ leads to an increase of

a result, the interiors of the primary alpha grains have
diﬀerent chemical compositions than their rims.
Contrarily, beta particles are aluminum depleted and
strongly niobium enriched. Beta particles also include
detectable iron content. Iron is the typical impurity in Ti
alloys and even in a low content (<1 wt pct), it helps to
stabilize the beta phase.[32]
B. Relation Between Defect Structure, Microstructure,
and Microhardness
Fig. 15—Dislocation density qD in the sample, which was only pressed (N = 0) and the sample subjected to ¼ HPT revolution
(N = ¼), plotted as a function of the radial distance r from the
center.

Fig. 16—The concentration cvc of vacancy clusters in the sample
which was only pressed (N = 0) and the sample subjected to ¼
HPT revolution (N = ¼), plotted as a function of the radial distance r from the center.

dislocation density to at least 1015 m2 and simultaneously to an increase of cvc to at least 15 ppm. Note
that dislocation density might increase during further
HPT processing (N > ½), but it cannot be detected due
to saturated positron trapping. However, if so, then the
concentration of vacancy clusters increases in a similar
manner and the ratio of concentrations of these two
kinds of defects remains unchanged.

IV.

DISCUSSION

A. Effect of Thermal Treatment
Two-step TT results in a typical duplex microstructure
consisting of round primary alpha grains and lamellar
a + b structure. Chemical analysis proved that the
interiors of the primary alpha grains are aluminum
enriched and niobium depleted, whereas the rim of those
grains has the average composition. We assume that the
interior of the primary alpha grains having the volume
fraction of approximately 10 pct are original alpha grains
of the as-received (as-rolled) material that remain in the
material during annealing at 1258 K (985 C). These
alpha grains started to grow during annealing at 973 K
(700 C), but the temperature is not suﬃciently high to
cause the diﬀusional change in the composition of the
primary alpha grains in favor of a-stabilizing elements. As

SEM observations conﬁrm that after HPT deformation, primary alpha grains and a + b lamellaes are
present in the microstructure. However, microhardness
measurements and PAS cannot distinguish between
those microstructural features. The approximate size
of an indent is 50 lm and therefore it is too large to
distinguish between these two regions. On the other
hand, each indentation does not represent the measurement of a truly average material. The results of
microhardness are therefore heterogeneous. Interestingly, the heterogeneity (represented as standard deviation from the mean value) increases with increasing
strain. This suggests that the diﬀerence between hardness of the alpha grains and a + b lamellar structure
increases with increasing strain. Most probably, a + b
lamellar structure is signiﬁcantly hardened. The ﬁnal
answer to this assumption may be provided by more
detailed microhardness or nanohardness measurements.
For the as-pressed sample (N = 0), the outﬂow of the
material between the anvils is captured by signiﬁcant
increase in vacancy clusters in the periphery region, but
no increase in dislocation density occurs. Microhardness
increases signiﬁcantly, proving the important eﬀect of
vacancy hardening.[33]
The defect structure is already homogenous from
N = 1/2 HPT revolution, while the microhardness is
homogenous from N = 3 HPT revolutions only. On the
other hand, the microstructure is not entirely homogenous even after N = 5 HPT revolutions. The evolution
of primary alpha grains as observed by SEM is rather
independent of the evolution of point and line defects as
evaluated by PAS. Several mechanisms like vacancy
hardening, dislocation density, and microstructure
reﬁnement are responsible for the signiﬁcant hardness
increase which is not directly related to a single
characteristic quantity.

V.

CONCLUSIONS

The following conclusions can be drawn from the
presented investigations of the ultraﬁne-grained Ti-6Al7Nb biocompatible alloy prepared by HPT up to 15
revolutions:
1. Thermal treatment before HPT resulted in duplex
microstructure with chemically heterogeneous primary alpha grains having 18 pct volume fraction.
Primary alpha grains provide suﬃcient ductility for
SPD, whereas the major a + b lamellar microstructure becomes more easily fragmented and hardened.
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2. SEM observations revealed heavily deformed primary alpha grains surrounded by signiﬁcantly fragmented a + b microstructure after 5 HPT
revolutions.
3. Microhardness signiﬁcantly increases (from 330 to
400 HV 0.5) with increasing strain, but it is heterogenous due to heterogenous microstructure. Heterogeneity of microhardness increases with increasing
strain, suggesting that the a + b lamellar microstructure is more hardened than primary alpha
grains.
4. Positron annihilation spectroscopy showed signiﬁcant increase of dislocation density (approx.
1015 m2) and of the concentration of vacancy clusters (15 ppm) after ½ of the HPT revolution.
5. The defect structure is already homogenous after ½
HPT revolution, while the microhardness becomes
homogenous after three HPT revolutions.
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